InGaAs-based nanowires (NW) comprise one of the technologically most relevant nanoscale semiconductor systems, owing to the multitude of their unique properties. Intrinsically, they offer band gap and emission wavelength tuning capabilities over wide spectral ranges in the infrared (IR, ∼880--3500 nm), high saturation velocities and electron mobilities, tunable Schottky barrier heights, large absorption coefficients, and significantly alleviated lattice mismatch restrictions due to their inherently one-dimensional (1D) structural nature.^[@ref1]^ This fueled not only recent epitaxial integration efforts on silicon (Si) platform^[@ref2]−[@ref5]^ but also development of high-performance nanophotonic and electronic devices. Various integrated InGaAs NW-based devices have thus emerged, such as nanolasers,^[@ref6]^ photonic crystal lasers,^[@ref7]^ light-emitting diodes (LED),^[@ref8]^ and solar cells,^[@ref3],[@ref9]^ as well as tunnel diodes,^[@ref10]^ short-channel 3D transistors^[@ref11]^ beyond the 10 nm technology node,^[@ref12]^ and efficient terahertz (THz) emitters.^[@ref13]^

Despite these promising advances, a major limitation of the high surface-to-volume NWs is their susceptibility to detrimental surface states under ambient conditions. These surface states lead to a modification of the electronic band structure in the vicinity of the InGaAs surface, which depends strongly on their density but also on composition. As known from studies of planar InGaAs, high surface state densities cause either surface Fermi level pinning above the conduction band minimum (CBM) (case of In-rich InGaAs) or pinning of the Fermi level in the middle of the band gap (case of Ga-rich InGaAs), leading to downward/upward bending and surface electron accumulation/depletion, respectively.^[@ref14],[@ref15]^ The non-flat band conditions and charge carrier redistribution thus strongly inhibit the performance of optical and electrical NW device structures.

For example, high surface recombination velocities and nonradiative recombination due to surface states^[@ref16],[@ref17]^ strongly degrade the internal quantum efficiency (IQE) of InGaAs NWs in the entire compositional range. This critically limits observation of efficient luminescence only to low temperatures and large-diameter NW structures.^[@ref18]−[@ref22]^ The high surface recombination velocities in (In,Ga)As-based materials have naturally also led to inferior performance of NW-based photovoltaic cells as compared to planar counterparts.^[@ref23]^ Surface states in thin III--V NWs also dominate the electrical transport properties, inducing large surface sheet densities that degrade electron mobility via surface scattering, as in for example, InAs NWs.^[@ref24],[@ref25]^ Also, they are responsible for increased interface state defect densities (*D*~it~) in InGaAs-NW metal-oxide-semiconductor field effect transistors^[@ref12],[@ref26]^ and they even cause amphoteric conductivity behavior as in, for example, GaAs NWs.^[@ref27]^ The impaired electron mobilities in as-grown, unpassivated In(Ga)As NWs are further considered to pose intrinsic limits to photoconductivity and terahertz emission efficiency.^[@ref13]^

Passivation of the surface states on InGaAs-based NWs is therefore of utmost importance to improve the optical and electrical properties of NW-based devices. While there has been substantial work on surface passivation of binary InAs and GaAs NWs to produce core--shell NWs, much less efforts have been dedicated to the development of core--shell NW heterostructures suitable for ternary InGaAs NWs. In the case of binary InAs NWs, common surface passivating layers include In(As)P^[@ref28]−[@ref31]^ and Ga(In)As^[@ref32],[@ref33]^ shells, however, their relatively large lattice-mismatch to InAs \[i.e., up to 3.1% in In(As)P and 7% in Ga(In)As\], lead to substantial strain, defect formation, and modifications of the electronic band structure of the NW core.^[@ref29],[@ref31],[@ref32]^ For binary GaAs NWs, various different mismatched shell material systems were investigated (i.e., GaP, GaAsP, and GaInP), though AlGaAs shells seem most appropriate due to their superior lattice matching properties. Core--shell GaAs-AlGaAs NWs have thus enabled very high optical efficiency with increased carrier lifetime and charge carrier mobility,^[@ref21],[@ref34],[@ref35]^ promoting the performance of high-efficiency photonic and high-speed optoelectronic NW-based devices.^[@ref36]−[@ref39]^

For ternary InGaAs NWs, the majority of the few studies performed so far exploited GaAs passivating layers. These are, however, prone to mismatch-related defect formation at the InGaAs--GaAs core--shell interface^[@ref40]^ yielding low quantum efficiencies.^[@ref6],[@ref22]^ As an alternative, H. Sun et al. recently demonstrated increased carrier lifetime and quantum efficiency of ∼0.6--0.9 μm wide In~0.12~Ga~0.88~As micropillars by use of an InGaP shell layer.^[@ref22]^ Furthermore, selectively doped InP/In~0.5~Al~0.5~As passivating layers have been employed on In~0.7~Ga~0.3~As NW channels for vertical NW transistors on Si.^[@ref11]^ Indeed, the use of InAlAs passivating layers on InGaAs NWs is extremely appealing. This is because (i) InAlAs is commonly used as a barrier in the important In~0.53~Ga~0.47~As/In~0.52~Al~0.48~As heterostructure system lattice-matched to InP for planar high-speed electronic and optoelectronic devices,^[@ref41],[@ref42]^ and (ii) unlike InGaP it enables complete lattice-matching to InGaAs over nearly the entire compositional range.

Here, we systematically investigate the catalyst-free growth and properties of completely lattice-matched radial InGaAs--InAlAs core--shell NWs over large compositional ranges \[*x*(Ga), *y*(Al) ∼ 0.2--0.65\]. High-resolution X-ray diffraction (HRXRD) and complementary transmission electron microscopy (TEM) investigations reveal overall insignificant strain at the core--shell heterointerfaces. The InAlAs shell is shown to serve as a very effective surface passivating layer that strongly enhances the optical efficiency. Ultimately, we demonstrate a vertical InAlAs-InGaAs NW/Si photovoltaic cell with an efficiency ∼3--4 times larger as compared to an unpassivated cell, highlighting the significantly suppressed surface recombination and improved charge carrier conductivity by the InAlAs shell.

All InGaAs--InAlAs core--shell NWs were grown on slightly p-type (boron-doped) Si (111) substrates (1--30 Ωcm) by solid-source molecular beam epitaxy (MBE) in an entirely catalyst-free growth regime.^[@ref1]^ To guarantee highest possible uniformity in NW morphology and composition, growth was performed on specific SiO~2~ mask templates. These contain ∼1 × 1 cm^2^ large periodic arrays of mask openings (80 nm diameter) with pitch of 250 nm, as prepatterned by nanoimprint lithography (NIL).^[@ref4],[@ref31]^ First, the growth of the In~1--*x*~Ga~*x*~As NW cores was initiated for 1 h at a temperature of 560 °C for low Ga-content InGaAs NWs (*x*(Ga) \< 0.4) and 570 °C for high Ga-content InGaAs NWs (*x*(Ga) \> 0.4), respectively. For all growths, the total group-III flux was fixed at 0.36 Å/s, while the Ga-flux was adjusted to yield systematic variation of the nominal Ga-content \[*x*(Ga) ∼ 0.2--0.6\] under otherwise constant As~4~ beam equivalent pressure (BEP = 3.5 × 10^--5^ mbar). Note that under these growth conditions, the catalyst-free growth yields excellent compositional homogeneity along single NWs and across entire NW arrays.^[@ref1],[@ref4]^ After the core growth, the shutters of the group-III elemental sources were closed for 2 min while the temperature was ramped down to 510 °C before In~1--*y*~Al~*y*~As shell growth resumed for another 30 min. For each sample, the Al-content *y*(Al) of the shell was adjusted to the same value as the Ga-content *x*(Ga) of the core \[*x*(Ga) = *y*(Al)\] to obtain close lattice matching conditions. In the following, we will refer to such structures with identical composition between core and shell simply as *x*(Ga)/*y*(Al). All other growth fluxes during shell growth, such as the As~4~-BEP and In-flux, were identical to the respective fluxes used for core growth. In order to assess the specific properties of the core--shell NWs, core-only (InGaAs) NW reference samples were also grown for comparison.

![SEM images of (a) InGaAs NW array with a nominal Ga-content of *x*(Ga) = 0.47 and (b) capped with an InAlAs shell with the same nominal Al-content; (c) color-coded STEM-HAADF cross-sectional image of the core--shell heterostructure prepared from the same sample, exhibiting a ∼11 nm-thick InAlAs shell and a ∼5 nm-thick amorphous oxide layer on top.](nl-2015-00979s_0002){#fig1}

Figure [1](#fig1){ref-type="fig"} shows exemplary scanning electron microscopy (SEM) images of the NW arrays grown with *x*(Ga)/(Al) = 0.47, where (a) refers to the "core-only" structure and (b) to the core--shell structure containing the radial InAlAs passivation layer. The images show excellent high-periodicity arrays with homogeneous size distribution and growth yields (NW per predefined nucleation site) of \>90%. This is found for all investigated NW samples which further exhibit very similar sizes (lengths of ∼0.6--0.8 μm, diameters of ∼120--140 nm). Only one sample \[*x*(Ga)/*y*(Al) = 0.35\] shows slightly larger diameter (shell thickness) and a total length that is significantly larger than the respective NW core (see [Supporting Information](#notes-1){ref-type="notes"}, Figure S1). Furthermore, all NW arrays are vertically well aligned along the \[111\] direction and the major sidewall surfaces correspond to the {11̅0} family of planes, as verified by TEM measurements.^[@ref19]^

To closely examine the geometrical shape and size, as well as the compositional contrast of the InGaAs--InAlAs core--shell NW heterostructure, we prepared focused ion beam (FIB)-cut cross-sectional lamellas. Details regarding FIB-based specimen preparation can be found elsewhere.^[@ref21],[@ref31]^ A typical cross-sectional view as recorded by a FEI-Titan 80-300 along the \[111\] zone axis of a single NW in scanning-TEM/high angle annular dark field (HAADF) mode is shown in Figure [1](#fig1){ref-type="fig"}(c). The ∼120 nm thick hexagonal InGaAs core with {11̅0} side facets is conformally surrounded by a homogeneous ∼11 nm thick InAlAs shell as well as a ∼5 nm thick oxide layer on top. The formation of the thin oxide layer is attributed to the partial oxidation of the InAlAs layer after transfer to ambient environment. In addition, the shell exhibits six dark contrast stripes that propagate from the corner regions of adjacent {11̅0} sidewall facets of the core all the way to the surface of the shell. The volume of these regions was too low to yield sufficient signal intensity in associated energy-dispersive X-ray spectroscopy (EDXS) measurements. However, we anticipate that they correspond to regions of Al-enrichment, as previously identified in ref ([@ref11]) and as also expected from the Z-contrast intensity ratios in the STEM/HAADF image. We note that such segregation effect is commonly observed in Al-containing shells of typical III--V semiconductor core--shell NWs (e.g., GaAs--AlGaAs, GaAs--AlInP, and so forth^[@ref21],[@ref43]^), which arises from the formation of {112}-oriented nanofacets during shell growth.^[@ref21]^ Overall, the microstructure of the InGaAs--InAlAs core--shell NWs exhibits the common disordered layer stacking of catalyst-free grown InGaAs NWs as well as inclusions of wurtzite (WZ) segments when the InGaAs composition is tuned across the In-rich side^[@ref19]^ (not shown). This is expected based on the common crystal structure transfer mechanisms observed in III--V core--shell NW heterostructures.^[@ref21],[@ref31],[@ref44]^

Further insights into the microstructure, strain, as well as the actual composition of the as-grown InGaAs--InAlAs core--shell NWs were obtained by high-resolution XRD. For this, reciprocal space maps (RSM) were taken using a laboratory diffractometer with a Cu K α source for radiation, where the sample was aligned such that the *Q*~*z*~ axis is parallel to the \[111\] growth axis of the NW array. RSMs were recorded around the symmetric (333)~ZB~, and asymmetric (513)~ZB~, (224)~ZB~, and (205)~WZ~ reflections (the subscripts denote Bragg reflections of the ZB and WZ lattices, respectively).

![Reciprocal space maps around the (333)~ZB~ and (513)~ZB~ Bragg reflections for the NW sample with nominal *x*(Ga)/*y*(Al) = 0.6. Peaks due to the Si substrate and the NWs are indicated, and intensities are plotted on a logarithmic scale. The broadening of the NW reflection due to a small tilt distribution of the NWs is clearly visible.](nl-2015-00979s_0003){#fig2}

The (333)~ZB~ and (513)~ZB~ Bragg peaks correspond to (006)~WZ~ and (21̅6)~WZ~ Bragg peaks, respectively, while the (224)~ZB~ has no correspondence in the WZ reciprocal space, and the (205)~WZ~ Bragg peak has no ZB correspondence. A representative RSM of an InGaAs--InAlAs core--shell NW array (with nominal *x*(Ga)/*y*(Al) = 0.6) is shown in Figure [2](#fig2){ref-type="fig"}. From the positions of the Bragg peaks in reciprocal space, we determine the lattice parameters along the NW growth direction and perpendicular to it in different azimuthal directions. In all NW samples, we see both ZB and WZ reflections, consistent with the stacking sequence observed by TEM. From the width along *Q*~*z*~ in the (224)~ZB~ and (205)~WZ~ reflections, we can further estimate the relative average lengths of WZ and ZB segments and find that the WZ segments are on average longer than the ZB ones in all samples with a trend toward longer WZ segments for smaller Ga contents. This trend agrees also favorably with recent observations by TEM.^[@ref19]^ We thus treat the measured lattice parameters as hexagonal *a* (perpendicular to growth direction) and *c* (along growth direction) unit cell sizes, and give all strains with respect to hexagonal InAs and GaAs.

In order to convert the measured lattice parameters in composition and strain values, we assume that the lattice parameters of InGaAs and InAlAs vary with composition according to Vegard's rule. For the elastic parameters, we also use a linear interpolation and values for the hexagonal lattices are converted according to ref ([@ref45]). Usually, free-standing NWs are found to be elastically relaxed except for a small part close to the interface to the substrate.^[@ref57]^ In our case, the evaluated strains are indeed also very small, however, we still measure finite values (see Table [1](#tblA){ref-type="other"}). We consider two effects which may contribute to the nonzero strains: First, the slight difference in lattice parameters between WZ and ZB lead to a mutual straining of the individually stacked segments with a resulting in-plane strain (given with respect to pure WZ material) that varies with WZ/ZB ratio. Second, if the shell is not perfectly lattice-matched to the core, this will also result in a mutual strain. To estimate which contribution dominates over these relatively small finite strain values, we performed additional finite element modeling (FEM) simulations of the as-measured XRD patterns (see [Supporting Information](#notes-1){ref-type="notes"}). These were necessary because the contribution of the InAlAs shell was too weak in the measured signal, due to its relatively thin layer thickness. Essentially, we found that an in-plane strain value of \<0.1% in the NW core would correspond to a deviation from the exact lattice matching condition by a maximum of 7%. On the other hand, comparing the in-plane strains between core-only and core--shell NWs (Table [1](#tblA){ref-type="other"}), there is no direct correlation as the magnitudes of the strain values do not systematically increase upon passivation by the InAlAs shell. This suggests that the observed strain is most likely due to the mutual straining of the WZ/ZB stacking and that the lattice-matching condition between InGaAs core and InAlAs shell is close to perfect.

###### Summary of XRD-Measured Lattice Parameters (*a*, *c* Denote the Two Lattice Constants of the Wurtzite Structure), Chemical Compositions, and Strain

  sample            NW structure   *a* (Å)   *c* (Å)   *x*(Ga)~core~   *x*(Ga)~core--shell~   ε~a~ (%)   ε~c~ (%)
  ----------------- -------------- --------- --------- --------------- ---------------------- ---------- ----------
  In-rich InGaAs    InGaAs core    4.159     6.862     0.37 (±0.02)                           --0.23     0.11
  InGaAs--InAlAs    4.171          6.866               0.35 (±0.07)    --0.08                 0.03       
  midcomp. InGaAs   InGaAs core    4.143     6.812     0.46 (±0.02)                           0          --0.01
  InGaAs--InAlAs    4.151          6.807               0.46 (±0.07)    0.19                   --0.09     
  Ga-rich InGaAs    InGaAs core    4.094     6.729     0.64 (±0.02)                           0.05       --0.01
  InGaAs--InAlAs    4.094          6.734               0.63 (±0.07)    --0.02                 --0.01     

To identify the beneficial effects of the InAlAs shell passivation on the optical properties we performed extensive microphotoluminescence (μPL) studies using a home-built setup dedicated to characterization in the mid-infrared spectral range. Here, a chopped He/Ne laser (633 nm) is used to excite the NW array inside a He-flow cryostat and the resulting signal is detected via lock-in technique using a monochromator and lN~2~-cooled InSb photodetector. The spot size of the exciting laser is adjusted to about 2 μm, equivalent to an ensemble measurement of ∼50 NWs as given by the pitch of the as-grown NW arrays. Further experimental details can be found elsewhere.^[@ref19]^ Unless otherwise specified, the excitation power density is kept at 1.1 kW/mm^2^ and the measurement temperature was at 8 K. Considering the very high and uniform growth yield of all investigated NW arrays (\>90%), we can thus compare absolute PL intensities and their quantum efficiencies because the excitation volume was identical for all samples.

Figure [3](#fig3){ref-type="fig"}a directly compares PL spectra from the InGaAs--InAlAs core--shell NW arrays with different compositions and with respect to their unpassivated "core-only" structures. Note that for better comparison we normalized the PL spectra for all core-only reference samples. Several interesting features are observed: First, the luminescence for both the core-only reference samples and core--shell NW heterostructures shifts to the blue (higher PL peak energies) as the composition is tuned from the In-rich to the Ga-rich InGaAs side. Clearly, this is expected based on the increase of band gap energy with increasing Ga content. This demonstrates that we can tune the emission wavelength of the InGaAs NWs over relatively wide ranges and, importantly, also capture the technologically relevant telecommunication band (∼1.3--1.55 μm, that is, *E* ∼ 0.8--0.95 eV). Second, the PL peak positions of the core--shell NWs match closely with those of the core-only NWs, except for the sample with highest *x*(Ga)/*y*(Al)-content (as will be further discussed below). This demonstrates that the InGaAs NW core and InAlAs shell are closely lattice-matched with insignificant strain in line with the presented HRXRD data. Note also that the PL peakwidth of the core luminescence does not change between the core-only and the core--shell NWs, confirming the high-quality closely lattice-matched shell growth. However, the peakwidth rises with *x*(Ga)/*y*(Al) content, that is, from ∼40 meV \[*x*(Ga)/*y*(Al) = 0.2\] to ∼70 meV \[*x*(Ga)/*y*(Al) = 0.63\], which we attribute to an increasingly larger stacking disorder of the underlying microstructure toward Ga-rich InGaAs NWs.^[@ref19]^

![(a) PL spectra of composition-tuned InGaAs (core-only) and InGaAs--InAlAs core--shell NWs recorded at 8K and excitation power of 1.1 kW/mm^2^. For better comparability the PL spectra of all InGaAs (core-only) NWs are normalized. (b) PL enhancement factor (ratio of integrated PL intensity of the respective core--shell versus core-only structure) as a function of *x*(Ga)/*y*(Al)-content and correlated with the conduction band offset. Band offsets are derived assuming conventional bulk ZB lattice parameters.^[@ref46]^ Error bars stem from a statistical analysis of several measurements performed at different positions across the NW sample.](nl-2015-00979s_0004){#fig3}

Most importantly, the intensity of the NW core luminescence is strongly enhanced upon passivation, reflecting the anticipated suppression of surface state induced nonradiative recombination.^[@ref21],[@ref31],[@ref34]^ Interestingly, the PL enhancement factor (i.e., integrated PL intensity ratio between passivated and unpassivated NWs) scales directly with the increase in *x*(Ga)/*y*(Al)-content. While the enhancement factor is only ∼10 for the In-rich InGaAs NW arrays \[*x*(Ga)/*y*(Al) = 0.2\] it rises to ∼50 for the Ga-rich InGaAs NWs \[*x*(Ga)/*y*(Al) = 0.63\] (see Figure [3](#fig3){ref-type="fig"}b). Note, the PL intensity data from the sample with *x*(Ga)/*y*(Al) = 0.35 deviate slightly from this trend. This can be explained by the slightly thicker shell and additional axial InAlAs top segment in these NWs (see [Supporting Information](#notes-1){ref-type="notes"}), which limits the diffusion of photoexcited carriers to the NW core for radiative recombination.

Nevertheless, the overall observed scaling behavior can be explained by two main effects: One is that with increasing *x*(Ga)/*y*(Al)-content the band-offset of the InAlAs shell material increases steadily with respect to the band gap of the InGaAs core (see Figure [3](#fig3){ref-type="fig"}b). Hence, carriers excited in the shell relax more efficiently into the core and the InAlAs layer acts as an increasingly efficient barrier for larger Al-content, which effectively confines carriers to the NW core. This is because increasing barrier height more strongly confines the electron wave function leading to increased luminescence efficiency, similar to recent observations in InAs--InAsP core--shell NWs.^[@ref31]^ For this reason also no luminescence from the InAlAs shell is observed in all spectra, as also expected from the relatively thin shell layer thicknesses. Another effect is that the reduced surface state density upon passivation reduces also the surface band-bending, thus leading to larger spatial overlap of electrons in the conduction band (CB) and holes in the valence band (VB) which increases radiative efficiency. In particular, in unpassivated InGaAs NWs it is anticipated that increasing the Ga-content from *x*(Ga) ∼0.2, where nearly flat-band conditions prevail,^[@ref14],[@ref15]^ to larger *x*(Ga) increases the surface band bending and thus the spatial separation of charge carriers. Hence, the effect of PL enhancement due to passivation by InAlAs is expected to be higher in samples with higher Ga-content. The spatial charge carrier separation due to surface band bending may further explain the slight redshift in the PL of core-only NWs with respect to the core--shell NWs. This is expected to lead to more indirect radiative transitions at lower energy, which is most pronounced in InGaAs NW samples with compositions far away from *x*(Ga) ∼ 0.2 (near-flat band conditions), particularly in the NW array with *x*(Ga)/*y*(Al) = 0.63 (see Figure [3](#fig3){ref-type="fig"}a). Furthermore, we do not expect a significant influence of the stacking disorder in the InAlAs shell on the InGaAs core luminescence enhancement, since the crystal structure of the shell is a direct replica of the core structure.

![(a) Representative temperature-dependent PL spectra obtained for an InGaAs--InAlAs core--shell NW sample \[*x*(Ga)/*y*(Al) = 0.2\] at an excitation power density of 1.1 kW/mm^2^. (b) Corresponding Arrhenius plot of the internal quantum efficiency (IQE), which yields an IQE of 11.3% at room temperature.](nl-2015-00979s_0005){#fig4}

To further confirm the enhanced optical efficiency we evaluated the internal quantum efficiency (IQE) of the core--shell NW heterostructures. The material-inherent IQE is an important metric to evaluate the intrinsic performance of optoelectronic devices, such as LEDs and photovoltaic cells. In general, IQE is relatively low in NW-based devices due to large surface recombination, particularly in unpassivated NWs.^[@ref22]^ To derive the IQE for our = InGaAs--InAlAs core--shell NWs we therefore performed temperature-dependent PL measurements, as exemplified in Figure [4](#fig4){ref-type="fig"}a for the sample with lowest *x*(Ga)/*y*(Al)-content of 0.2. As expected, with increasing temperature the intensity decreases and the peak position shifts gradually to lower energies. Note, however, that the peak shift is much weaker as expected for a high-quality bulk semiconductor. This is mainly due to stacking-defect induced localized trap states in the InGaAs NWs that compete against the classical Varshni-type band shrinkage.^[@ref1],[@ref18],[@ref19]^

Figure [4](#fig4){ref-type="fig"}b depicts a 1/*T*-Arrhenius plot of the corresponding IQE, which is derived from the ratio of the integrated PL intensities at temperature *T* and at 4 K \[IQE = *I*(*T*)/*I*(4 K)\].^[@ref47]^ Although for this sample PL was only observed up to ∼220 K, we were able to extrapolate the IQE to room temperature. This was realized by employing the activation energy *E*~A~ for the nonradiative PL-quenching process at increased temperature that arises due to carrier escape from the InGaAs core to the InAlAs barrier. A best fit to the data yielded *E*~A~ = 25 meV, which further results in an IQE of 11.3% at room temperature for this InGaAs--InAlAs core--shell NW sample. Although this value is still comparatively low with respect to typical IQE in planar InGaAs-based heterostructures,^[@ref48]^ it compares favorably to some of the best IQE values reported for InGaAs NWs so far and is significantly better than, for example, unpassivated, GaAs- or AlGaAs-passivated InGaAs NWs.^[@ref22]^ This directly demonstrates the beneficial effect of the lattice-matched InAlAs passivating shell, making these structures viable for performance tests in nanostructured optoelectronic devices.

Hence, the distinct functionality of the InAlAs surface passivation layer is ultimately tested in InGaAs NW photovoltaic (PV) cells and affirmed by enhancements in photoconductivity and PV cell performance. In fact, this needs to be expected because high IQE translates to more efficient energy conversion in a PV cell, particularly because suppression of nonradiative surface recombination increases the fill factor.^[@ref49],[@ref50]^ To demonstrate this we fabricated vertical NW photodiodes directly from the as-grown free-standing NW arrays on Si (111), where the intrinsically n-InGaAs (undoped)/p-Si heterointerface serves as an axial p--n junction. It should be noted though that, in general, axially arranged NW p--n junctions are considered less efficient over radially arranged p-n core--shell NW photodiode structures because of higher surface recombination rates and inferior minority carrier collection.^[@ref50],[@ref51]^ Nevertheless, axial NW-based p-n heterojunctions provide still an important testbed to investigate the role of surface recombination and photoconductivity in PV cells, as has been illustrated in various heteroepitaxial NW-based photodiodes, for example, n-InAs NW/p-Si,^[@ref52]^ p-GaN NW/n-Si,^[@ref53]^ and so forth.

To fabricate PV cells the NW arrays were embedded in thick insulating benzocyclobutene (BCB) polymer, which was subsequently etched by O~2~/SF~6~-based reactive ion etching to expose the tips of the NWs. Mesa structures (180 μm × 300 μm) were then realized using optical lithography. After development and O~2~ plasma treatment the InAlAs shell of the protruding NWs was selectively etched in HCl/H~2~O (3:1) to access the InGaAs core and ensure good ohmic contacts. As such, sputter-deposited 100 nm thick indium tin oxide (ITO) was used that was further annealed under ambient conditions (300 °C, 60 min) to obtain high transparency and conductivity. Finally, 100 nm thick feed-lines were defined to the perimeter of the top contacts to enable wire bonding, while 100 nm/50 nm Ag/Au electrodes were used as back contacts on the backside of the p-type Si (111) substrate. Figure [5](#fig5){ref-type="fig"}a shows a schematic of the final device, which contains about ∼4 × 10^5^ NWs assuming a NW growth yield of ∼90%. The current--voltage (*I--V*) characteristics of wire-bonded devices were then recorded at room temperature by a current--voltage sourcemeter (Keithley 2400) in dark and under illumination using a calibrated tungsten-halogen lamp to achieve equivalent air mass 1.5 global conditions (AM1.5G, 1000W/m^2^).

Figure [5](#fig5){ref-type="fig"}b,c displays the *I--V* characteristics in dark and under illumination for the as-fabricated InGaAs--InAlAs core--shell NW-based PV cell \[*x*(Ga)/*y*(Al) = 0.47\]. In dark, a typical diode behavior is obtained with a rectification ratio of ∼10^3^ at ±0.5 V and a very low reverse bias leakage current (1.5 × 10^--9^ A at −0.5 V), indicating a high-quality p--n junction with efficient isolation between top and bottom contacts. The diode ideality factor is ∼2.5 as extracted from the semilogarithmic plot of the *I--V* data (see Figure [5](#fig5){ref-type="fig"}b). These diode parameters are very similar to those reported earlier for n-In(Ga)As-NW/p-Si heterojunction diodes.^[@ref3],[@ref10],[@ref54]^ Under illumination a clear photoresponse is observed with a photocurrent that is \>10^3^-times larger than the dark current at small reverse bias.

![(a) Schematic illustration of the vertical InGaAs-NW based PV cell structure on Si substrate. (b,c) Typical *I--V* diode characteristics at room temperature as obtained for the passivated core--shell NW array in comparison to the unpassivated core-only array. Data are recorded in dark and under illumination using a tungsten--halogen source with AM 1.5G and input power of 1000 W/m^2^.](nl-2015-00979s_0006){#fig5}

Note that the finite slope in the *I--V* curve under reverse bias indicates a non-negligible shunt resistance (∼0.6 MΩ), which is expected to obscure the ideality factor. From the photoresponse data we further extracted a short-circuit current density (*I*~SC~) of 10 mA/cm^2^ and an open-circuit voltage (*V*~OC~) of 0.29 V, respectively (see also Table [1](#tblA){ref-type="other"}). The fill factor (FF = *I*~max~*V*~max~/*I*~SC~*V*~OC~) is 0.46, resulting in an energy conversion efficiency (ECE) of 1.3% (ECE = *I*~max~*V*~max~FF/*P*~in~*)*, where *I*~max~ and *V*~max~ are the current and voltage at maximum power points in the *I--V* curve. Note that for the calculations of the current density we took the total contact area (i.e., equivalent substrate area) into account, because for the low p-type doping of the Si substrate the depletion region in the Si extends further than the distance between neighboring NWs. We also measured the external quantum efficiency (EQE) of this device, which resulted in a maximum EQE of ∼15% at ∼900--1000 nm (see [Supporting Information](#notes-1){ref-type="notes"}).

For comparison, Figure [5](#fig5){ref-type="fig"}c illustrates also the *I--V* diode characteristics of an identical device fabricated from the equivalent InGaAs NW array \[*x*(Ga) = 0.46\] without InAlAs passivation. Obviously, the performance of the unpassivated NW array is significantly inferior with lower *I*~SC~ and FF and a conversion efficiency that is ∼3× lower than the passivated InGaAs NW array device (see Table [2](#tblB){ref-type="other"}). In addition, the *I--V* characteristic of the unpassivated device exhibits a distinct "S-shape" behavior. This is commonly attributed to interfacial effects at the NW surface (dipoles, defects, etc.), creating barriers for carrier extraction that are further responsible for losses in I~SC~ and FF.^[@ref55]−[@ref57]^ Thus, the absence of the S-shape *I--V* characteristic reflects directly the superior photoconductivity and performance of the passivated device. Overall, these characteristics suggest that in the axial heterojunction geometry the passivated InAlAs-InGaAs core--shell NW structure acts as a low-loss carrier conductor and that most of the photocarriers are generated in the Si substrate.^[@ref58]^ This is further supported by measurements of the wavelength-dependent external quantum efficiency which indicate that that photocarrier generation by the NWs is negligible (see [Supporting Information](#notes-1){ref-type="notes"}).

###### Comparison of Photovoltaic Device Metrics for Unpassivated (InGaAs-only) and Surface Passivated (InGaAs--InAlAs Core--Shell) NW Arrays

  NW structure     *I*~SC~ (mA/cm^2^)   *V*~OC~(V)   *P*~max~ (μW)   FF     ECE (%)
  ---------------- -------------------- ------------ --------------- ------ ---------
  InGaAs only      4.3                  0.28         0.12            0.34   0.4
  InGaAs--InAlAs   10                   0.29         0.40            0.46   1.3

In conclusion, we investigated catalyst-free growth of high-uniformity lattice-matched InGaAs--InAlAs core--shell NW arrays on Si over wide compositional ranges. The close lattice-matching behavior with insignificant heteroepitaxial strain between core and shell was verified based on HRXRD and TEM analysis. The InAlAs shell passivation is demonstrated to significantly enhance radiative recombination resulting in internal quantum efficiencies of IQE \> 10% without inducing shifts in the transition energies as often observed in lattice-mismatched core--shell NW systems. We further confirmed the beneficial InAlAs passivation layer via increased photovoltaic (PV) conversion efficiencies that are ∼3--4 times higher than in state-of-the-art unpassivated InGaAs-NW based PV cells. These findings open important perspectives for efficient InGaAs core--shell NW-heterojunction devices that are strain-free and tunable over wide spectral ranges.

Detailed information on morphological investigations, finite element modeling, and photoresponse. The Supporting Information is available free of charge on the [ACS Publications website](http://pubs.acs.org) at DOI: [10.1021/acs.nanolett.5b00979](http://pubs.acs.org/doi/abs/10.1021/acs.nanolett.5b00979).
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